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The single crystal deformation behaviour of orthorhombic Al13Co4 has been studied below the brittle-ductile transition temperature
observed in bulk material from room temperature to 600 C, using indentation, microcompression and transmission electron microscopy.
At room temperature, slip occurred most easily by dislocation motion on the (001)[010] slip system, as observed in the ductile regime at
high temperatures. However, as the temperature was increased towards 600 C, the slip pattern changed to one consisting of linear
defects running perpendicular to the loading axis. Serrated ﬂow was observed at all temperatures, although at 600 C the magnitude
of the serrations decreased. Anomalous yielding behaviour was also observed above 226 C, where both the yield and the 2% ﬂow stress
increased with temperature, almost doubling between 226 and 600 C. It has been suggested that this might arise due to the increasing
stability of orthorhombic Al13Co4 with respect to the monoclinic form with increasing temperature. This is shown to be consistent with
the theoretical predictions that exist.
 2013 Acta Materialia Inc. Published by Elsevier Ltd.
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Materials with large unit cells, such as complex metallic
alloys, might be expected to contain dislocations with corre-
spondingly large Burgers vectors. As both the line energy of
the dislocation and the resistance of the crystal lattice to dis-
location motion scale with the square of the Burgers vector,
such materials should be exceptionally strong. However,
above a critical temperature, TBDTT, typically between 0.6
and 0.8 TM [1,2], these materials deform at quite low stresses
to high strains, often without showing work hardening [1].
Above TBDTT, it has been shown that dislocations of
varying complexity form. This may involve dissociation1359-6454/$36.00  2013 Acta Materialia Inc. Published by Elsevier Ltd.
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Openby climb [3] or by glide [4], and may be accompanied by
some phase transformation in the material around the dis-
location core that reduces the magnitude of the Burgers
vector [5]. When orthorhombic (o) Al13Co4 is deformed
above the brittle–ductile transition temperature of approx-
imately 600 C the reduction in Burgers vector is achieved
by the formation of a partial dislocation, which must leave
a trailing fault behind it [4]. In this case, the fault is a slab
of the monoclinic (m) phase a few nanometres in thickness.
However, deformation at temperatures below TBDTT has
not been studied due to catastrophic failure dominating
the behaviour.
The aim of this paper, therefore, is to investigate
whether such materials might deform plastically at temper-
atures below TBDTT and, if so, how this might occur. Low
temperature deformation has been studied both by nanoin-
dentation and micropillar compression. The latter allows access under CC BY license.
Table 1
The hardness, H, and Young modulus, E, measured by nanoindentation
for crystals with axes parallel to [100], [010] and [001].
Orientation [100] [010] [001]
H (GPa) 10.6 ± 0.4 10.2 ± 0.3 10.7 ± 0.5
E (GPa) 186 ± 14 213 ± 9 199 ± 15
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compressing an appropriately oriented single crystal, while
the small size helps suppress cracking [6,7].
2. Experimental
Experiments were carried out on an Al13Co4 single crys-
tal with an orthorhombic crystal structure, made by the
Czochralski method [8]. A preliminary study of the ﬂow
behaviour was carried out using nanoindentation (Nano-
indenter XP, MTS). More detailed studies of the ﬂow
behaviour were then made using microcompression. Except
where otherwise stated, the work was carried out on micro-
pillars with a diameter of 2 lm and an average height of
7.5 lm. Eﬀects of size were also investigated using micro-
pillars with diameters ranging from 0.7 to 4 lm. All pillars
were made using focused ion beam milling (Helios Nano-
lab, FEI). The ﬁnal beam current used was 48 pA, produc-
ing pillars with a taper of approximately 2. During the
milling process, the built-in image recognition software
(RunScript) was used to decrease the drift of the ion beam
during milling. This enabled the fully automated produc-
tion of the micropillars, minimizing any possible diﬀerence
in their geometries. Much of the work was carried out on
pillars where the crystal was oriented to give a Schmid fac-
tor of 0.5 on the (001)[010] slip system, so that the axis of
the pillar was [0,1.174,1]. To investigate the possibility of
slip on other systems, tests were also carried out on pillars
where the axes of the pillars were parallel to the [100],
[010] and [001] crystal directions, where the Schmid factor
was zero on the (001)[010] slip system.
Microcompression was carried out using an in situ
nanoindenter [9] (Alemnis, CH), with a 5 lm diameter
diamond punch, under displacement control at a rate of
5 nm s1. This produced a strain rate of approximately
7  104 s1. The indenter had been modiﬁed by
incorporating a water-cooled frame and independent tip
and sample heating, yielding typical thermal drift values
of less than 0.02 nm s1 due to the thermally stable system
frame and precise temperature matching of the sample and
indenter temperatures [10,11]. This enabled testing at
temperatures up to 600 C. Above this temperature, it
was diﬃcult to image the heated sample due to thermionic
emission saturating the secondary electron detector [9].
Testing was ﬁrst carried out at low temperature, and ﬂow
was generally characterized using the ﬂow stress at a plastic
strain of 0.02. However, the yield stress, where the
stress-strain curve ﬁrst deviated from linearity, was also
measured. The temperature was then raised and allowed
to stabilize, with four or ﬁve samples being compressed
at each temperature. After carrying out tests at the
maximum temperature, the samples were cooled and a
further set of tests was carried out at room temperature.
In all cases the results obtained at room temperature both
before and after heating were consistent with one another,
showing that there were no changes due to the heating
cycle.Slip patterns in the deformed pillars were studied by pre-
paring thin lamellae, approximately 100 nm thick, by ion
milling (Helios Nanolab, FEI). Microstructural analysis
was carried out by transmission electron microscopy
(TEM) using a Philips CM30 transmission electron micro-
scope operated at 300 kV.
3. Results and discussion
The average values of hardness and Young modulus
were 10 and 200 GPa, respectively, with less than 10% dif-
ference in the values for the diﬀerent crystal faces (Table 1).
As might be expected for a material with a high ratio of the
hardness to the Young modulus, there was no signiﬁcant
pile-up around the indentation. Parallel ledges on two of
the three faces of the residual imprint could be observed
in the scanning electron microscope (SEM; Fig. 1), where
the sample surface is parallel to (010). The (001)[010] slip
system, observed in high temperature compression, would
therefore run perpendicular to the surface. However, the
traces of the slip planes do not appear to be aligned with
the (001) plane, suggesting that slip can occur on other sys-
tems. There was also some cracking, although the cracks
formed near the edges of the pyramidal imprint, rather
than at the corners.
Tests carried out at indentation strain rates, _eI, deﬁned
as _eI ¼ _h=h  _P=2P , where h is the displacement and P is
the load, from 0.01 to 0.4 s1 showed that deformation
appeared to be homogeneous, although very small pop-
ins could be seen (Fig. 2). The change in the hardness with
strain rate was measured (Fig. 3) using constant strain rate
tests as opposed to stress jump tests, and setting the ﬂow
stress, r, as one-third of the hardness, the strain rate sensi-




Similar behaviour was observed in micropillar compression
at room temperature (Fig. 4), where the value of m, using
the 2% ﬂow stress, was measured to be 0.08. The strain rate
sensitivity can also be used to estimate the activation vol-




where k is the Boltzmann constant, T is the temperature
and S is the Schmid factor. Setting T to 298 K, S to 0.5
and m to either 0.08 for microcompression or 0.06 for
Fig. 1. Scanning electron micrograph of the residual imprint after
nanoindentation with a Berkovich tip. Two of the three faces of the
pyramidal imprint show a number of parallel ledges. These ledges are not
aligned with the (001)[010] slip system observed in bulk and pillar
compression.
Fig. 2. Load–displacement curves from nanoindentation at diﬀerent strain
rates. Single measurement points are shown to conﬁrm that the sampling
rate was adequate to pick up serrations. The curves are shifted with respect
to each other along the x axis for visibility.
Fig. 3. The hardness measured by nanoindentation experiments at
diﬀerent strain rates.
Fig. 4. The variation of 2% ﬂow stress with strain rate for microcom-
pressed pillars oriented so that the (001)[010] slip system is aligned at 45
to the pillar axis with a Schmid factor of 0.5.
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respectively. These can be compared with the data of
Heggen et al. [1], who used the above expression to mea-
sure the activation volume and showed that it varied
approximately inversely with the applied stress. Taking
average values of 2 GPa for microcompression and
3.4 GPa for indentation, the tensile ﬂow stresses in each
case, Heggen’s data gives V = 0.12 nm3 at 2 GPa and
V = 0.07 nm3 at 3.4 GPa. The agreement between the two
sets of values suggests that the underlying deformation
mechanism is similar at both high and low temperatures.
Micropillar compression was also used to investigate the
operative slip systems over a range of temperatures below
TBDTT. Generally, the reproducibility of the elastic and
plastic behaviour was very good (Fig. 5), the ﬂow stresses
measured at any given temperature varying by no more
than ±17%. The SEM showed clearly visible slip bands
on all of the pillars (Fig. 6), except for one of those tested
at 600 C. The angle of the slip bands with respect to the
loading axis and the direction of slip was consistent with
the (001)[010] slip system that has been observed above
TBDTT [9]. This was the same for all pillars over the entire
temperature range. The size and general appearance of the
slip bands in the SEM appeared to be independent of the
temperature of deformation (Fig. 6).
One might expect the predominant obstacle to ﬂow in
such materials to be dominated by the lattice resistance,
so that the ﬂow stress would be both rate and temperature
dependent, decreasing approximately linearly with temper-
ature. However, as can be seen from Fig. 7, both the yield
stress and the 2% ﬂow stress increased with temperature.
The values of the yield stress obtained by microcompres-
sion (Fig. 7) were greater than those obtained from mea-
surements above TBDTT on larger samples [1]. The most
likely explanation, if the lattice resistance or a relatively
weak obstacle dominates ﬂow [12], is that this is associated
with a diﬀerence in the strain rates between the bulk tests,
Fig. 5. Engineering stress–strain curves evaluated from the compression experiments at diﬀerent temperatures.
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out at 7  104 s1. Another possibility is that this diﬀer-
ence is associated with size eﬀects. To investigate this, a ser-
ies of Al13Co4 pillars with radii ranging from 0.7 to 4 lm
were compressed at a temperature of 226 C. The aspect
ratio of these pillars was between 2 and 4.5 and the dis-
placement rate was adjusted to ensure that the strain rate
was constant for the diﬀerent pillar sizes. No signiﬁcant
change in ﬂow stress was observed over this range of pillar
sizes (Fig. 8). This suggests that any size eﬀect, at least over
this range, is small and that the yield and ﬂow stresses mea-
sured in the bulk samples are genuinely lower than those
measured in microcompression. This would also be consis-
tent with the observation that the size eﬀect in strong mate-
rials [13] is smaller than that commonly observed in face-
centred cubic metals [14].
The stress–strain curves showed serrated ﬂow (Fig. 5),
with a maximum stress drop of approximately 0.5 GPa
per serration being reached at 426 C. At 600 C, the serra-
tions were greatly diminished. This serrated ﬂow is in
contrast to indentation where the load–displacement curvesat room temperature were relatively smooth, possibly due
to the greater constraint on ﬂow in indentation. The mag-
nitude of the serrations was also strongly inﬂuenced by the
crystal orientation of the pillars (Fig. 9), suggesting that
ﬂow is associated with the crystallography of the material
and that Al13Co4 does not behave in the same manner as
a metallic glass, as has been suggested for Mg17Al12 [15].
Pillars with [100] orientation showed a great scatter in
the onset of ﬂow, varying from about 1.5 GPa to just over
5 GPa. Those samples where deformation began at the
higher stresses also showed extremely large yield drops,
most likely due to cracking. However, for the pillars with
[010] and [001] orientations, slip on diﬀerent slip systems
was observed at ﬂow stresses of approximately 4 GPa. By
measuring the angle of the slip plane trace to the pillar axis
and the direction in which slip occurred, the Schmid factors
were estimated to be 0.47 and 0.45 for the [010] and [001]
orientations, respectively. In both cases, the compressive
ﬂow stresses at room temperature were greater than
4 GPa (Fig. 9), compared with ﬂow stresses of approxi-
mately 2 GPa in the pillars where the (001)[010] system
Fig. 6. Micropillars after compression at 25, 326 and 526 C, with slip bands clearly visible on the surfaces. The sketch shows how the unit cell is oriented
with respect to the pillars with the (001)[010] slip system aligned at 45 to the pillar axis having a Schmid factor of 0.5.
Fig. 7. Yield and 2% ﬂow stress of the micropillars at diﬀerent
temperatures. The points labelled bulk are the upper and lower yield
points from larger scale compression experiments [1].
Fig. 8. Flow stress of micropillars with diﬀerent diameters compressed at
a constant temperature of 226 C. The aspect ratio and strain rate were
kept approximately constant.
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weakest slip system being (001)[010] [1] and also with
the measured hardness being more than three times theﬂow stress on the (001)[010] slip system, as ﬂow would
be required on these other, harder slip systems, to accom-
modate the indentation [16].
Fig. 9. Engineering stress–strain curves at room temperature for micropillars with diﬀerent orientations: (a) [100], (b) [010], (c) [001] along the
compression axis and (d) with the (001)[010] system aligned for slip as used for the temperature series.
Fig. 10. Bright-ﬁeld TEM images of the pillars deformed at (a) 25 C (b),
426 C and (c) 600 C to show several defect types: slip planes (S) and
dislocations (D) occur at low-to-mid temperatures (a) and (b); linear
defects (L) occur at mid- to high temperatures (b) and (c). The 600 C
sample shows a 200 nm thick layer (T) at the top with a large tilt and twist.
The apparent taper of the 600 C sample is due to the preparation of the
TEM lamella not going straight through the centre plane as the pillar was
slightly bent.
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bands propagated completely through the pillar with the
materials being displaced along the same plane for a sub-
stantial distance (Fig. 10a). This ﬁgure also shows the slip
patterns observed in micropillars compressed at room tem-
perature, at 426 C (Fig. 10b) and at 600 C (Fig. 10c). At
room temperature, deformation occurred by the movement
of dislocations, marked D, on the (001)[010] slip system,
marked S, although some dislocation motion was observed
oﬀ the (001) plane.
Deformation oﬀ the (001) plane was more apparent in
micropillars deformed at 426 C rather than at room tem-
perature, with a greater number of dislocations (Fig. 10b).
Additionally at 426 C, linear defects, marked L, lying in a
plane perpendicular to the pillar axis, were observed. These
were predominantly seen in the portion above the slip plane
and appeared to either start or end there, although they also
formed at the pillar surface. These linear defects were not
perfectly straight, but wandered slightly along the pillar
axis, in a slightly wavy manner. They were closely spaced
with separations from several to a few tens of nanometres,
and all seemed to emerge from either a free surface, such
as the side of the pillar, or from the (001) slip planes. The
linear defects must, therefore, form after the onset of slip,
suggesting that it is the presence of the free surface or the slip
plane that enables the formation of the linear defects.
The deformation behaviour at 600 C was more com-
plex. Of the four samples tested, three showed slip lines
of the type seen at lower temperatures, although the serra-
tions in the stress–strain curves were substantially smaller
in all but one micropillar. Unfortunately three of the mem-
branes for TEM were destroyed during focused ion beam
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stress–strain data showed small serrations, while the slip
band tended to occur at one side of the pillar. In the sample
examined by TEM, only linear defects could be seen, pos-
sibly because the slip plane was on one side of the sample.
The linear defects have ﬁnite (and variable) thickness
and have a crystallography that is at variance with the bulk
and a full quantitative analysis of these features in under-
way. As they are moving on a plane perpendicular to the
free surface, the resolved shear stress acting on them would
be zero, if they were conventional glide dislocations. This
situation is not changed by the presence of the trailing
fault, as the phase transformation does not give a reduction
in the thickness of the material that makes up the fault.
One concern was that this might be associated with a slight
bending in the pillar deformed at 600 C, but no such bend-
ing was observed in the pillar deformed at 426 C, suggest-
ing that the formation of these defects might be due to
friction between the punch and the top surface of the pillar.
However, the defects were observed to grow at substantial
distances away from the top surface. All of these linear
defects were observed to grow from free surfaces or from
slip planes, suggesting that the prevalence of these defects,
compared with that in a bulk sample, is associated with the
greatly increased surface area:volume ratio in the micropil-
lar. However, as they form after the initial slip has
occurred, there would be no eﬀect on the measured yield
stress. Their eﬀect must therefore be limited to work hard-
ening. However, at least below 600 C, the rate of increase
in the yield stress and 2% ﬂow stress with temperature are
very similar (Fig. 7), suggesting that the increase in ﬂow
stress is not associated with the formation of lateral defects.
At 600 C, the increase in the ﬂow stress was slightly
greater than expected, and this may be associated with a
contribution from the movement of lateral defects.
The only feature speciﬁc to the 600 C deformed pillar
that was examined by TEM was a 200 nm thick layer at
the top, marked T (Fig. 10c). This gave a selected area dif-
fraction pattern similar to the main pillar material but with
a large tilt and twist. However, the presence of a reﬂection
corresponding to 0.205 nm (not shown) was also established
in the top layer. This is consistent with the Al (200) reﬂec-
tion, suggesting that there has been some decomposition of
the Al13Co4. This was unexpected, as the phase diagram
shows that this phase exists up to at least 974 C [17] but
may be caused by reaction between the diamond punch
and the Co, which has a range of carbides, present in
Al13Co4. Unfortunately, as the other pillars were destroyed
during milling, it was not possible to see whether this layer
formed consistently at high temperature.
Anomalous yielding is usually attributed to either cross-
slip of partial dislocations, as in Ni3Al, or pinning of dislo-
cations by solute atoms or vacancies, as in b-brass [18], and
is often accompanied by serrated ﬂow. Yield anomalies
have been classiﬁed into two general types: velocity type
and exhaustion type [19]. Exhaustion-type anomalies are
ascribed to an anomalous evolution of the density ofmobile dislocations and are usually characterized by zero
steady-state strain rate sensitivity in combination with
work hardening. Velocity-type anomalies are ascribed to
anomalous evolution of the velocities of single dislocations
and are usually characterized by positive strain rate sensi-
tivity and much lower work hardening than exhaustion-
type anomalies.
However, an alternative mechanism is also possible
here. Heggen et al. [4] have shown that, in o-Al13Co4 above
TBDTT, dislocation motion on the (001)[010] slip system
occurs by the motion of partial dislocations that leave, in
their wake, a trailing fault of monoclinic m-Al13Co4 a
few nanometres in thickness, and the measurements of
the activation volume here suggest that a similar mecha-
nism is operating at low temperatures. The formation of
a partial dislocation enables a reduction of the Burgers vec-
tor, and hence misﬁt energy and the changes in misﬁt
energy that arise as it moves. However, the formation of
the fault requires extra energy for the orthorhombic to
monoclinic phase transformation that would increase the
resistance to dislocation motion.
The energy required for this phase transformation
depends on the relative phase stabilities of these two
phases. Taking the Al–Co phase diagram, the orthorhom-
bic and monoclinic phases are both denoted as Al13Co4 in
terms of their stoichiometry, with the orthorhombic phase
on the Al-rich side of the monoclinic phase, and they coex-
ist over a large temperature range [17], suggesting that their
free energies are fairly similar. However, there are some
indications as to how these might change with temperature.
The relative phase stabilities have been calculated at 0 K
[20,21] and both sets of calculations predict that both
phases are theoretically unstable at 0 K. However, both
phases are stabilized by the introduction of vacancies with
increasing temperature, with the monoclinic phase eventu-
ally becoming theoretically stable at approximately 750 K
[20]. These calculations also showed that the vacancies
have a stronger stabilizing eﬀect on the orthorhombic
phase than on the monoclinic phase at 0 K. Thus, with
the abundance of vacancies increasing with temperature,
the relative phase stability of the orthorhombic phase com-
pared to the monoclinic phase would be expected to
increase with increasing temperature, increasing the energy
change as o! m, and making dislocation motion more dif-
ﬁcult with increasing temperature, as is observed.
4. Conclusions
The deformation behaviour of o-Al13Co4 has been stud-
ied from room temperature to 600 C, the approximate
brittle to ductile transition temperature. It has been shown
that slip occurred most easily by dislocation motion on the
(001)[010] slip system, as observed at higher temperatures,
and measurements of the activation volume at room
temperature were consistent with measurements at higher
temperature, suggesting that the mechanism of deforma-
tion remains essentially unchanged. Deformation was also
7196 C. Walter et al. / Acta Materialia 61 (2013) 7189–7196observed on other slip systems, both in nanoindentation
and in microcompression. However, by 426 C, deforma-
tion had also occurred by the movement of defects running
perpendicular to the loading axis. Serrated ﬂow was also
observed at all temperatures, but was greatly diminished
at 600 C (Fig. 5), although slip still occurred on the
(001)[010] slip system, except in one sample where no clear
slip plane was apparent.
The yield and the 2% ﬂow stress almost doubled as the
temperature increased from 226 to increased by a factor
of almost two as the temperature was increased from 226
to 600 C. This was not thought to be associated with the
lateral defects, as they appeared to be initiated at either free
surfaces or slip planes, and therefore grew after deforma-
tion had started. Instead, it has been suggested that this
might arise due to the increasing stability of the o-Al13Co4
with respect to the monoclinic form with increasing tem-
perature, which is consistent with the theoretical predic-
tions that exist.
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